Abstract The diffusion of dilute hydrogen in fcc Ni-Al and Ni-Fe binary alloys was examined using kinetic Monte Carlo method with input kinetic parameters obtained from first-principles density functional theory. The simulation involves the implementation of computationally efficient energy barrier model that describes the configuration dependence of the hydrogen hopping. The predicted hydrogen diffusion coefficients in Ni and Ni 89.4 Fe 10.6 are compared well with the available experimental data. In NiAl, the model predicts lower hydrogen diffusivity compared to that in Ni. Overall, diffusion prefactors and the effective activation energies of H in Ni-Fe and Ni-Al are concentration dependent of the alloying element. The changes in their values are the results of the short-range order (nearest-neighbor) effect on the interstitial diffusion of hydrogen in fcc Ni-based alloys.
Introduction
Hydrogen in metal and metal alloys plays a crucial role in the performance of advanced materials in many technological applications. Its impact on material's properties can be beneficial as in the case of hydrogen storage [1] [2] [3] but can also be deleterious [4] , e.g., hydrogen embrittlement. In Ni-based alloys which are widely used for ultra-high temperature structural applications, hydrogen is a common impurity that is usually present in the materials during production and service. Its presence within the bulk phase often critically affects the mechanical properties of the materials. For example, hydrogen has been linked to reduction in ductility and fracture resistance [5, 6] . A detailed understanding of hydrogen mobility in Ni-based alloys is essential for understanding its behavior within the materials, particularly diffusion-related phenomena that affect their properties.
Experimentally the diffusion of hydrogen in FCC Ni-Fe alloys has been investigated by Dus and Smialowski within the temperature range from 673 to 1073 K [7] . By measuring the evolution rate of hydrogen gas to a vacuum from Ni-Fe specimens initially saturated with hydrogen, they were able to determine the diffusion coefficient of hydrogen for different composition ranges. They found that the interstitial diffusion of H in these alloys is influenced by both the long-and short-range orders in the arrangement of atoms. The short range is generally limited to the nearest neighbors and the long range goes far beyond the next nearest neighbors. In studying the diffusion of hydrogen in nickel-based alloys by means of hydrogen quenching method and electrical resistance measurements, Yamakawa et al. observed larger diffusion coefficients for 0.10 and 1.0 % Fe than those in pure nickel at low temperature, with the 0.10 % Fe larger than the 1.0 % Fe [8] . They also observed that the values for the high temperatures investigated are nearly the same as those for pure Ni. However, their measurements were limited to a temperature range 240-360 K.
In contrast to Ni-Fe alloys, there is hardly any published work on the diffusion of H in fcc Ni-Al alloys. Experimental work on H diffusion in the B2 intermetallic NiAl alloy was reported in the literature. Bergmann and Vehoff measured H diffusivity in B2 NiAl single crystal in the temperature range 873 and 1273 K [9] . The experiment was done in a Sieverts apparatus and the analysis was performed by outgassing the specimens at various temperatures. They obtained a higher diffusivity around 873 K and a lower diffusivity above 1000 K compared to that in Ni and Al. Their measurements were limited to three data points.
Predictive computer simulations offer complementary route to examine diffusion and are well suited for understanding the fundamental trends related to the chemical composition of the alloy. First-principles methods at various levels of approximation have been successfully used to study the diffusion of hydrogen in solids [10] [11] [12] . For example, the diffusion of H in pure Ni has been studied by Wimmer et al. using density functional theory (DFT) in combination with concepts from transition state theory [12] . In this approach, the vibrational coupling of the diffusing atoms with the host lattice and the enthalpy and entropy terms of the solid phase and the effects of the lattice thermal expansion are taken into account. The predicted hydrogen diffusion coefficients were found to compare favorably with available experiments. While such approach has proven to be effective for diffusion in pure element, its application to diffusion in Ni-based alloys is computationally very demanding, particularly for situation where long-range order is absent.
Kinetic Monte Carlo (kMC) method offers a practical route to study diffusion in solids. By treating diffusion as stochastic transitions between locally stable states, time scale beyond the reach of standard molecular dynamics method can be achieved. Advances in algorithms and hardware in the past decade allow calculations of kinetic parameters from first-principles method. The incorporation of this information into the kMC method enhances its capability to mimic more faithfully the diffusion processes in alloys at realistic temperatures [13] [14] [15] [16] .
In the present work, we developed a lattice-gas model combined with kMC method to investigate the diffusion of hydrogen in Ni-Al and Ni-Fe alloys. The model uses kinetic information obtained from electronic structure calculations. An energy model that relates the diffusion barrier with the local environment was included to make the calculations more practical.
The paper is organized as follows. ''Theoretical methodologies'' section describes the methodologies used to generate data from DFT calculations and to perform kMC simulations. DFT results of H binding energies, vibrational frequencies, and hopping rates in disordered NiAl and Ni-Fe alloys are described in ''Binding energies'' section. These results are used to parametrized a lattice model for H diffusion in Ni-Al and Ni-Fe alloys with arbitrary alloy compositions less than 15 at.% Al or Fe. The dynamics of H diffusion in Ni-Al and Ni-Fe are simulated using kMC and the resulting hydrogen diffusivities are presented and discussed in ''Diffusion coefficient'' section. Our conclusions are summarized in ''Conclusions'' section.
Theoretical methodologies

DFT methods
We performed spin-polarized plane-wave DFT calculations using the Vienna Ab Initio Simulation Package (VASP) [17] [18] [19] . The generalized gradient approximation (GGA) with the Perdew, Burke, and Enzerhoff (PBE) functional [20] was used to calculate the exchange-correlation energy. Electron-ion interactions were described by the projector-augmented wave (PAW) approach. A plane-wave expansion with a cutoff energy of 350 eV was used in all calculations. The total energy calculations used the residual minimization method for electronic relaxation, and the calculations were accelerated using a Methfessel-Paxton smearing [21] of 0.1 eV. Geometry relaxations were performed with a conjugate gradient method algorithm until the forces acting on each atom were less than 0.03 eV/Å . Integrations over the Brillouin zone were performed using a 5 9 5 9 5 Monkhorst-Pack k mesh. All DFT calculations used computational supercells of 32 metal atoms to estimate the dependence of the interstitial H binding energy on the nearest neighbors, next nearest neighbors, and the lattice constant. For each alloy composition, we changed the position of Ni and the alloying atoms in order to generate several combinations of n NN (0 B n NN B 6) and n NNN (0 B n NNN B 8), where n NN and n NNN are the number of Al or Fe atoms first-and second-neighbor to the interstitial H atom, respectively. In the present work, we consider alloy compositions of Ni 100-x M x (M = Al, Fe) with x = 3.13, 6.25, 9.38, and 12.50. In the Ni-M-H system, the metal atoms were distributed randomly within the supercell to form disordered materials. All the alloys considered were simulated as three dimensional infinite periodic structures using an fcc lattice with periodic boundary conditions in all three directions.
As in most metals and metal alloys, hydrogen interstitials in Ni-based alloys occupy either tetrahedral (T) or octahedral (O) sites and diffuse by jumps from one interstitial site to neighboring ones. Transition states (TS's) for H diffusion in pure Ni and disordered NiM alloys were determined using the climbing image-nudged elastic band method [22] . An initial chain of images was constructed between the initial and final structures using linear interpolation between the two endpoints of the potential energy surface. A spring force between the adjacent images was applied to maintain constant the spacing between the images. Each image was optimized with the nudged elastic band algorithm based on a constrained algorithm of molecular dynamics. All the atoms in the system were allowed to relax simultaneously and the transition state was approximated by the image of highest energy.
kMC simulations
To estimate the diffusion coefficient of H in Ni-Al and Ni-Fe alloys, we used 12 9 12 9 12 and 10 9 10 9 10 fcc supercells containing Ni and Al (Fe) atoms randomly distributed. The relative numbers of Ni and Al (Fe) atoms were chosen so that the required composition was obtained. For dilute concentrations, interactions between H atoms are negligible. Furthermore, concentration of H in Ni is very low, of the order of *10 -4 at room temperature. Therefore, a single hydrogen atom was placed on a randomly selected Osite as starting position for diffusion process. This is due to the fact that H binds more favorably to the O-site and consequently spends a significant amount of time there than to the T-site. We followed the time evolution of H atoms in NiM alloys using a kMC algorithm [23] . At each step of the kMC simulations, an interstitial H atom is selected and moved in a direction selected randomly from the 8 (4) directions available for an O-(T-) site. For a given alloy composition, the T to O hops have faster rate compared to that of the O to T hops, due to the higher energy state of hydrogen when bound to the T-site. Each kMC move consisted of the following steps: (i) obtaining the rates k i for all possible hopping processes at the current system configuration. (ii) Generating a random number r 2 0; 1 ½ and performing the hop satisfying the following condition:
where K is the sum of rates of all possible hopping processes. (iii) Advancing the clock [24] by À ln c ð Þ=K where c is another random number between 0 and 1. (iv) Updating the configuration of the system and repeat the process again. We used a random number generator with the input seed obtained from the millionth fraction of current date and time. To obtain good statistic at each temperature, kMC simulations were performed on several initial configurations generated randomly, and the resulting data were averaged over the total number of configurations.
The diffusion coefficient of H atoms was computed using the mean square displacement as a function of time,
where R i t ð Þ is the position of an atom at time t and the angular brackets denote the average over all mobile atoms.
Results and discussion
Lattice Constant of Ni, Ni-Fe, and Ni-Al Systems Lattice constants were optimized using DFT for alloy system without the presence of interstitial H. The lattice constant of pure Ni was found to be 3.519 Å , in excellent agreement with the experimental value [25] of 3.517 Å , when extrapolated from room temperature to zero temperature. For each alloy examined, Ni with 0, 3.13, 6.25, 9.38, and 12.5 % alloying atom was studied. The results are summarized in Fig. 1 . Included in this plot are the experimental values for Ni 0.82 Fe 0.18 from Mishima et al. [26] and for Ni 3 Fe from Brockhouse et al. [27] The DFTderived lattice constants are well described by a quadratic fit involving the alloy composition:
Binding energies
To describe the dynamics of interstitial H in pure Ni and Ni-based alloys, we first calculate the binding energy of interstitial H in these materials. We examined interstitial H in both octahedral (O) and tetrahedral (T) sites by placing a single H atom into each computational supercell of 32 metal atoms. This corresponds to a loading of 3.1 at.% H in the supercell. The binding energies were calculated based on the following expression for the dissociation of molecular hydrogen: The terms on the right in this expression are the total energies of the supercell containing interstitial H, the supercell with no interstitial H, and an isolated H 2 molecule, respectively. With this definition, lower energies represent sites that are energetically preferred relative to gaseous hydrogen. The binding energy of interstitial H was calculated as a function of local alloy composition. The H atom was placed at one O-or T-site and the number of alloying atom (Al or Fe) nearest neighbors (n NN ) and next nearest neighbors (n NNN ) were varied. For an O-site, 0 B n NN B 6 and 0 B n NNN B 8, while for a T-site 0 B n NN B 4 and 0 B n NNN B 12.
Octahedral site binding energies
In Ni and NiM (M = Al, Fe), as in most fcc metals, interstitial H prefers to occupy O-sites. In pure Ni, the binding energy of H in these sites was determined to be 0.079 eV, in good agreement with the DFT data of Wimmer et al. [12] . As x in Ni 1-x Al x increases from 0 to 0.13, the binding energy of H at O-site (n NN = 0, n NNN = 0) decreases and becomes negative. For example, E b = 0.041, 0.001, -0.012, and -0.037 eV for x = 0.031, 0.063, 0.094, and 0.125, respectively. Therefore, H impurity in that particular site becomes more thermodynamically stable, an effect that can be attributed to the expanded lattice constant of the alloys relative to pure Ni. We also observe that for n NN = 0, the stability increases with the number of next nearest-neighbor Al atom for each composition. For the compositions studied of Ni-Al system, H prefers to sit at O-sites surrounded by Ni atom in the first neighbor layer and by Al atom in the second neighbor layer. The O-site binding energies of H calculated using DFT for Ni 1-x Al x (0 B x B 0.13) as a function of the number of Al atoms in the nearest-neighbor shell are summarized in Fig. 2 .
In the case of Ni 1-x Fe x , the addition of Fe in Ni matrix increases the stability of H especially at O-site surrounded by Ni nearest and next nearest neighbors. As an example, the binding energies of H for x = 0, 0.031, 0.062, and 0.094 at (n NN = 0, n NNN = 0) are 0.079, 0.034, -0.004, and -0.023 eV, respectively. This increase of the stability is associated to the expansion of the lattice constant as Fe is added to the system. The stability decreases as follows: NN , n NNN ) . The classical calculated DFT energies as a function of the number of Fe atoms in the nearest-neighbor shell are shown in Fig. 2 .
In both Ni-Al and Ni-Fe, O-sites without any Al or Fe atoms in the NN shell have the lowest binding energies which increase as the number of alloying element atoms in the NN shell increases. Hydrogen at O-sites in Ni-Fe is more favorable than in Ni-Al. This variation of the energy indicates that the lattice constant alone is not the only factor that determines the binding energy of a particular interstitial site but also the chemical identity of the atoms near the site.
The scatter of the results in Fig. 2 shows that using the number of Al or Fe atoms in the nearest-neighbor shell alone cannot fully describe the binding energies in these alloys. Therefore, having calculated the binding energies of several O-sites, we can develop a model that will include not only the nearest-neighbor shell but also the next nearest-neighbor shell to represent the classical O-site energies in a parameterized form that can be used to estimate the binding energy of any alloy in the range of 0-15 % Al (Fe). The binding energy data of the alloys studied can be combined to fit a non-linear equation: 
Tetrahedral-site binding energies
The T-sites in fcc NiM alloys can also be calculated in similar way to that of O-sites for interstitial H. Using DFT, we calculated the T-site binding energies for pure Ni and all possible 64 sites in the supercells of NiM alloys. The binding energy of H at T-site in pure Ni is 0.278 eV higher than that at the O-site, in good agreement with the data reported in the literature [12] . The T-site binding energies of Ni 1-x Al x (0 B x B 0.13) are summarized in Fig. 4 . These binding energies vary as a function of Al concentration and local composition. As an example, for n NN = 0 and n NNN = 0 or n NNN = 1, the energy decreases with increasing Al concentration. When H is nearest neighbor with Al atoms, the binding energy increases making the site less stable. Our DFT calculations show that H prefers to be next nearest neighbor with Al atoms. Also plotted in Fig. 4 are the classical DFT-binding energies of H at T-site for Ni 1-x Fe x (0 B x B 0.13). The trend observed in the case of the O-site binding energy remains valid for the T-site. The further the Fe from the H, the more stable the site.
As in the case of octahedral site, the DFT-calculated T-site binding energies can be fitted using Eq. (5) with 0 B n NN B 4 and 0 B n NNN B 12. The fitted parameters are listed in Table 1 . A plot of binding energies obtained using Eq. (5) 
Transition state energies
To examine the transition state energies for H diffusion between interstitial sites in pure Ni and Ni-M, we examine the motion of an H atom along a straight-line path between a pair of adjacent O-and T-sites. In pure Ni, the saddle point lies symmetrically at the center of the triangle of metal atoms shared by the two sites. The calculated activation energy barrier for H in pure Ni is 0.427 eV, which is in perfect agreement with the available data [12] . In Ni-M (M = Al, Fe), the description of the TS is more complex due to the disordered nature of these alloys and the large number of energetically distinct binding sites leading to a plethora of distinct diffusion activation energies for H atoms hopping between adjacent sites. Unfortunately, it is computationally infeasible to directly determine the activation energy for every distinct transition in these systems. Hence, we computed the transition state energy for a large sample of different configurations and fit the data to a model parameter that depends on the local alloy composition and the lattice constant. Figure 6 shows a comparison of model and classical TS-site binding energies of NiAl and Ni-Fe alloys. For every set of (n NN , n NNN ), we can calculate the energy barrier for the corresponding transition. The correlation between the model and the DFTcalculated energies is very good. The TS-site energies in Ni-Al spread over a broader range compared to that in NiFe.
Zero-point energies
Since zero-point energies (ZPEs) can be substantial for light interstitials such as H in metals, we quantify these energies by calculating the normal mode vibrational frequencies of interstitial H at minima and transition states for each alloy studied using DFT. The vibrational frequencies were calculated by fixing the metal atoms in their relaxed positions and computing the normal mode frequencies of the diffusing H atom using the harmonic oscillator approximation. The ZPE of H 2 is 0.133 eV in agreement with previous calculations [10] . Fixing the Ni atoms to their equilibrium positions, the ZPE of H in Ni 32 cell is estimated to be 0.150 eV at O-site, 0.238 eV at T-site, and 0.198 eV at TS-site. In Ni-Al, the zero-point energies Interstitial diffusion of H in fcc Ni-Al and Ni-Fe alloys occurs by thermally activated hops between an O-site and T-site. The kinetic rate for the individual hops can be estimated using the quantum corrected harmonic transition state theory as [28] 
where
In this expression, k OT is the hopping rate from an O to a T-site, v o,i (v TS, i ) are the normal mode frequencies at the O-(TS) site, E a,OT is the barrier for a hopping from O-site to T-site, and f x ð Þ ¼ sinh x ð Þ=x. E cl;OT is the classical barrier energy, and e O zp (e TS ZP ) is the ZPE of H at the O-site (TS-site). All these quantities depend on the lattice constant and local environment of the alloys. For the T-to O-site hopping rate k TO , a similar expression is applied.
H diffusion in Ni
For validation purposes of our kMC, we first simulated the diffusion of hydrogen in pure nickel and calculated the diffusion coefficients at different temperatures. The diffusion coefficients are plotted on a logarithmic scale as function of 1/T (Fig. 7) . kMC-PBE and kMC-LDA are the kMC results obtained using DFT-GGA-and DFT-LDAcalculated kinetic parameters, respectively. For reference, we calculated the diffusion of H with the Einstein equation following Wert and Zener [29] and using DFT-LDA and DFT-GGA (PBE) calculated data: D H ¼ nbd 2 C where n is the number of nearest-neighbor stable sites for the diffusing interstitial atom, b is the probability that a jump from an O-to T-site and a subsequent jump from the T to a chosen O-site advances the H atom along a particular direction of diffusion (=0.25), and d is the length of the jump projected onto the direction of diffusion (=0.5a 0 , a 0 is the lattice constant of fcc Ni). C is the jump rate for one hop, which is also equal to the inverse of the average time required for one hop, C ¼ 1= t
where k OT and k TO are given by Eqs. (6) and (7). The results (labeled Einstein Eq.) are displayed in Fig. 7 . The kMC predictions are found to be in excellent agreement with the values obtained from such approach. Comparing the GGA to the LDA, the GGA outperforms the LDA, especially below 1200 K. As the temperature decreases, the gap between the values obtained from GGA and LDA increases. This discrepancy is due to the LDA overestimation of the migration The experimental data taken from Dus and Smialowski [7] , Völkl and Alefeld [30] ; and the high temperature values by Katz et al. [28] are included for comparison. Also plotted are values obtained from Einstein equation [29] and DFT data from Wimmer et al. [12] J Mater Sci (2015) 50:3361-3370 3367
barrier for the O-to T-site. The LDA ZPE-corrected migration barrier is found to be 0.529 eV compared to 0.451 eV for the GGA.
We now compare our kMC results with the DFT data from Wimmer et al. [12] and experimental data found in the literature [28, 30] . The GGA-calculated diffusion coefficients are in reasonable agreement with the available experiments and the DFT data, as can be seen in Fig. 7 , with difference less than an order of magnitude. The underestimation of the coefficients of diffusion could be due to the neglect of the full phonon vibration effects and the effects due to thermal expansion of the host lattice. By taking into account these effects, Wimmer et al. obtained values that are close to experiments. When we include the effects of thermal expansion, the diffusivities obtained from Einstein relation (denoted in Fig. 7 by Einstein Eq.-PBE ? TE) are in better agreement with experiments.
For each set of data, the Arrhenius plot of the diffusion coefficients shows a linear behavior; thus, we can compute an effective activation barrier and a prefactor by fitting the data to the Arrhenius relation, [12] .
H diffusion in Ni-Al alloys
There is a lack of theoretical and experimental data on the diffusion of H in Ni-Al system. Using the approach described above, we examine the diffusion of hydrogen in Ni 1-x Al x for x = 3.13, 6.25, and 9.38 %. We use a 10 9 10 9 10 supercell of 4,000 atoms where Al atoms are randomly distributed in the lattice sites of the supercell. After equilibration of the supercell, sampling was carried out and H diffusion coefficients for temperatures in the range 700-1700 K were calculated. The predicted values of D H as functions of inverse temperature and Al concentration are plotted in Fig. 8 . For comparison, the experimental values from Völkl and Alefeld [30] , and the kMC results of D H in pure nickel are also shown. Our kMC results show a small decrease in the diffusion of H as Al is introduced in the Ni matrix. The kMC predicted diffusivities of H in Ni 1-x Al x for x = 3.13, 6.25, and 9.38 % are *1.4, 1.6, and *1.9 times lower than the kMC value in pure Ni, respectively. This small decrease is manifested by an increase in the effective activation energy compared to that in pure Ni. For each set of data, the diffusion prefactor D 0 and the effective activation energy Q H can be directly evaluated by fitting to an Arrhenius law. The results are summarized in Table 3 . Unfortunately for the Ni-Al system, there is no experimental or theoretical data available for comparison. The predicted D 0 and Q H values are concentration dependent.
H diffusion in Ni-Fe alloys
We extend our calculations to examine the diffusion of H in Ni-Fe system. Three compositions ranging from 3.0 up to 11 % atomic Fe and temperatures ranging from 700 to 1700 K were chosen. In the same manner as described above, Fe atoms were randomly distributed in the lattice sites of the supercell and after equilibrium, trajectories were collected for sampling. In Fig. 9 , we plot the temperature dependence of D H for the various alloys. We compared our results with available experiments from Dus and Smialowski [7] , and with the kMC and experimental data of H in pure Ni. Our results predict a very small change in the diffusivity of H with increasing Fe content, for the compositions studied compared to that in pure Ni. For example, for the highest concentration studied (10.6 % Fe), the diffusivity is only *1.1 times lower than the value in Ni. As in the case of H in Ni, the kMC underpredicts the diffusivity of H in Ni-Fe alloys compared to experiments. Our predictions for 10.6 % Fe are qualitatively in good agreement with experimental data. That is, the introduction of Fe in the Ni matrix has little influence in the diffusion of H in the alloy. Quantitatively, the discrepancy in the diffusivity is small at T C 1000 K and slightly higher at T \ 1000 K (roughly less than an order of magnitude). The calculated and experimental D 0 and Q H values are tabulated in Table 3 . 
Conclusions
A lattice-gas model was developed in order to investigate interstitial hydrogen diffusion in fcc Ni-Al and Ni-Fe binary alloys. DFT was employed to obtain site energetics as a function of local alloy composition for several Ni-Al and Ni-Fe alloys with various compositions. The resulting data were then used to obtain a model relating site energetics with the number of nearest neighbors, next nearest neighbors, and the lattice constant. kMC was used to predict the diffusion coefficients of H for a range of compositions and temperatures. For validation purposes, the diffusion of H in pure Ni was simulated and the results are in good agreement with experiments. KMC simulations performed at temperatures ranging from 700 to 1700 K showed that H diffusivity in Ni 1-x Al x (0 \ x B 0.1) is slightly lower than that of pure Ni and it decreased as a function of increasing Al content in the alloy. Unfortunately for the Ni-Al system, there is no experimental or theoretical data available for comparison. In the case of Ni 1-x Fe x (0 \ x \ 0.12), the dependence of the diffusivity on alloy composition is weak, i.e., the diffusion coefficient is comparable to that of pure Ni, consistent with experimental data. The difference is seen in the diffusion prefactors and the activation energies. 0.330 Fig. 9 Predicted and experimental diffusion coefficient of H in NiFe alloys. The experimental data at 10.6 % Fe content are from Dus and Smialowski [7] . Also plotted are the data for pure Ni (kMC and Völkl and Alefeld [30] ) J Mater Sci (2015) 50:3361-3370 3369
